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Characteristics of a New

Creep Regime in Polycrystalline NiAl

S.V. RAJ and S.C. FARMER

Constant-load creep tests were conducted on fine-grained (~23 pum) Ni-50.6 (at. pct) Al in the
temperature range of 1000 to 1400 K. Power-law creep with a stress exponent, n = 6.5, and
an activation energy, Q. =~ 290 kJ mol ™', was observed above 25 MPa, while a new mechanism
with n = 2 and Q. = 100 kJ mol™' dominates when o < 25 MPa, where o is the applied stress.
A comparison of the creep behavior of fine- and coarse-grained NiAl established that the mech-
anism in the n = 2 region was dependent on grain size, and the magnitude of the grain-size
exponent was estimated to be about 2. Transmission electron microscopy (TEM) observations
of the deformed specimens revealed a mixture of dislocation tangles, dipoles, loops, and sub-
boundary networks in the power-law creep regime. The deformation microstructures were in-
homogeneous in the n = 2 creep regime, and many grains did not reveal any dislocation activity.
However, bands of dislocation loops were observed in a few grains, where these loops appeared
to have been emitted from the grain boundaries. The observed creep characteristics of the low-
stress region suggest the dominance of an accommodated grain-boundary sliding (GBS) mech-
anism, although the experimental creep rates were lower than those predicted by theoretical
models by over seven orders of magnitude. The low value of Q. in this region, which is ap-

proximately one-third that for lattice self-diffusion, is attributed to the possible existence of

interconnected vacancy flow channels, or “nanotubes,

I. INTRODUCTION

ALTHOUGH unalloyed NiAl possesses an attractive
combination of oxidation, physical, and thermal prop-
erties for use in gas-turbine aircraft engines, it has poor
high-temperature creep strength and low ductility at room
temperatures. In addition to its potential technological
importance as the base material for alloy development,
binary NiAl is a model-system for studying creep mech-
anisms in B2 intermetallic compounds, in part due to the
presence of a large solid solubility field in the Al-Ni phase
diagram and in part due to it being ordered up to its
melting point. The creep properties of NiAl have been
studied extensively by a number of investigators for nearly
three decades!'"""! and reviewed recently by several
authors.(20:21.22]

The first detailed investigation of the elevated-
temperature  deformation mechanisms in  near-
stoichiometric NiAl was conducted by Vandervoort
et al.,"! who reported the dominance of a viscous creep
mechanism with a creep stress exponent, n, of about 3.5
and a creep activation energy, Q,, of about 290 kJ mol '
above 1525 K and the occurrence of an unknown mech-
anism exhibiting a stress-dependent activation energy with
n > 3.5 below this temperature. Values of n > 3.5 have
been reported in other investigations, and a close ex-
amination of the data reveals that they fall into two broad
categories: (a) n = to 4 to 7,16791L1313160 gand (b) n >
7,146l depending on stress, temperature, and processing
history. The reported values of Q. from most of these
investigations, for which n = 4 to 7, are generally in
reasonable agreement with the activation energy for lat-
tice self-diffusion of Ni, Qu,, in NiAl, which is about
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at the grain boundaries.

305 kJ mol ™" for Ni-50 (at. pct) Al,*'* although some-
what higher values of Q. = 325 to 365 kJ mol~' have
also been reported for polycrystalline XD-processed™**

*All compositions are given in atomic percent in this article.
**XD is a trademark of the Martin Marietta Corporation, Bethesda,
MD.
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NiAL!"! Based on these results and observations of
subgrains (e.g., Reference 11), it is generally believed
that dislocation climb is the dominant creep mechanism
under conditions where n = 4 to 7 and Q. = O, = Qui.
where @, is the activation energy for lattice diffusion.

In addition, values of Q. have been observed to be
stress, and temperature dependent for near-stoichiometric
and Ni-rich alloys.""® However, the observations re-
ported in these two studies differ from each other in some
aspects. For example, Vandervoort er al.!'! observed that
Q. was stress dependent for Ni-50.4 Al below 1450 K
for applied stresses, o, greater than 11.0 MPa, primarily
corresponding to the n = 4 to 7 region; however, Q. was
constant and equal to about Q,; above 1450 K for o <
11.0 MPa corresponding to the n = 3.5 region. In con-
trast, Yang and Dodd'®' observed that Q, is stress de-
pendent only below 1173 K and for applied stresses above
55.2 MPa corresponding to n > 10 for stoichiometric
NiAl, while Q. = Q, above 1173 K for o < 55.2 MPa.
The reason for this inconsistency is poorly understood at
present, although it should be noted that the creep rates
reported by Vandervoort er al.!'! are over an order of
magnitude higher than those reported by other
investigators. !

A large body of detailed microstructural observations
have been conducted on NiAl single crystals.!?-3717:1% In
comparison, only limited data exist for polycrystalline
NiAL!"l In general, these observations suggest that a
variety of substructural features, such as dipoles, loops,
tangles, subboundaries, and subgrains, can form in NiAl
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under creep conditions. Although some of the micro-
structural studies were used as supportive-evidence in fa-
vor of a dominant creep mechanism (e.g., cross slip!?-*¢!
and climb!'!), the available information provides little
insight on how the microstructure correlates with vari-
ations in n and Q, as the dominant creep mechanism var-
ies with stress and temperature.

Previous studies have been largely restricted to creep
regimes where n > 3,I'""*l and few data exist at lower
stresses, where other processes, such as diffusion creep
and grain-boundary sliding (GBS) controlled processes,
may dominate. Recently reported data on polycrystalline
Ni-50.6 Al show a distinct transition to a new creep re-
gime at low stresses in the temperature range of 1100 to
1300 K.

The objectives of the present article are twofold: first,
to report the characteristics of this low-stress creep
mechanism; second, to characterize the microstructures
in the low-stress and power-law creep regimes in order
to understand how the microstructure varies with a change
in the deformation mechanism.

II. EXPERIMENTAL

Prealloyed, vacuum-atomized NiAl powder was pro-
cured from Homogeneous Metals, Inc. (Clayville, NY).
The composition of the powders (the Al and Ni contents
were determined by wet chemical analysis)*! was found
to contain 50.6 pct Al and 49.4 pct Ni, with 0.011 pct C
and 0.017 pct O as the major interstitial elements. The
powders were sealed under vacuum in mild steel cans
and extruded at 1400 K using a ratio of 16:1. The av-
erage linear intercept equiaxed grain size, d, was 22.9 *
0.7 um at the 95 pct confidence interval. Compression
specimens of nominal dimensions 6.4 mm diameter and
12.7 mm long were machined from the extruded rods
with the compression axis parallel to the extrusion di-
rection. The specimens were tested in air under constant
load between 1000 and 1400 K, with the initial stresses
varying between 3.0 and 52.0 MPa. Additional data were
obtained from stress-increase tests. Testing was con-
ducted by compressing the cylindrical specimen between
two superalloy or silicon-nitride pads using silicon-carbide
push rods. Thin platinum or tantalum foils coated with
boron nitride were placed between the ends of the spec-
imen and the pads to minimize frictional end effects. The
contraction of the specimen was measured by monitoring
the displacement of an alumina extensometer attached to
the ends of the push rods by a super linear capacitance
transducer (SLVC). The contraction and temperature of
the sample were recorded by a data acquisition system.
The temperature gradient across the specimen, which was
measured by three thermocouples, was typically within
1 K of the desired value.

Microstructural observations were conducted on se-
lected tested specimens using optical microscopy, scan-
ning electron microscopy, (SEM), and transmission
electron microscopy (TEM), where the latter observa-
tions were conducted on foils cut from the gage section
transverse to the stress axis. The TEM foils were pre-
pared by jet polishing 3 mm diameter thin specimens in
a solution of 70 pct ethanol, 10 pct butylcellosolve, 6 pct
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percholoric acid, and 14 pct distilled water at 273 K by
using polishing currents and voltages of 20 to 25 V and
10 to 15 mA, respectively. The TEM microstructures of
the as-extruded material were described in an earlier
study."® These observations showed that most of the
grains, as well as the grain boundaries, were essentially
free of dislocations.

HI. RESULTS
A. The Shape of the Creep Curves

Two distinct creep regimes were observed at inter-
mediate and low stresses where the transition stress, o,,,
was about 9 to 25 MPa, depending on the absolute tem-
perature, T. Figure l(a) shows typical creep curves of
true creep strain, &, plotted against time, ¢, between 1000
and 1300 K under initial stresses varying from 12.0 to
50.7 MPa, corresponding to values above the transition
stress. The nature of the primary creep curve was de-
pendent on stress and temperature in the intermediate-
stress regime, where inverse and sigmoidal primary creep
transients were observed at 1000 and 1100 K, respec-
tively, while normal primary creep occurred at 1200 and
1300 K. However, the primary creep region was gen-
erally followed by a nominally secondary regime, as
shown in Figure 1(b), where the true creep rate, £, is
plotted against €. A sharp decrease in the creep rate
sometimes occurred prior to the occurrence of the sig-
moidal and inverse creep transients (Figure 1(b)). Noting
that the as-extruded material had a completely re-
crystallized microstructure with few observable dis-
locations,* this initial steep drop in creep rate appears
to be the result of the introduction of new dislocations
in the material on loading. Inverse and sigmoidal creep
transients, which have also been observed in solid-solution
alloys,!*® LiF, "I and (001) oriented NiAl single crys-
tals'*'""" and NiAl polycrystals deformed below
1173 K'* are generally attributed either to the inhibition
of dislocation nucleation or to a low glide mobility in
the material. Since dislocation nucleation is an athermal
process, the transition from inverse to sigmoidal to nor-
mal primary creep in traversing from 1000 to 1200 K
can be attributed to a corresponding increase in dis-
location glide and climb mobility with increasing
temperature.

In contrast to the behavior at intermediate stresses,
normal primary creep was observed between 1100 and
1400 K below the transition stresses, and the shape of
the creep curves was not dependent on temperature
(Figure 2(a)). Typically, primary creep lasted over
100 hours for & = 1.5 pet (Figure 2(b)). In general, these
curves exhibited serrations at all temperatures,™ although

*Figure 2(a) is presented as-recorded so as to provide an unbiased
viewpoint to the reader, while smooth curves are shown in Figure 2(b)
for better clarity. It was necessary to smoothen these curves, because
it was not possible to distinguish the genuine changes in the creep
rates due to the serrations from scatter. It may be noted that these
serrations were not observed for comparable creep rates at inter-
mediate stresses.

it is unclear at present whether they are genuine, due to
dynamic recrystallization and grain growth similar to those
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Fig. 1 —(a) True creep strain vy time and (b) true creep rate vs true creep strain for polycrystalline Ni-50.6 Al, tested under compressive en-

gineering stresses and at temperatures between 24.0 and 50.7 MPa and 1000 and 1300 K, respectively.
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Fig. 2— (@) True creep strain vs time and (b) true creep rate vs true creep strain for polycrystalline Ni-50.6 Al tested at temperatures between

1100 and 1400 K under a compressive engineering stress of 5.0 MPa.

observed in other materials,*® or whether they are ar-
tifacts, due to variations in room temperature during the
duration of the experiment. Grain-size measurements
conducted on the specimens deformed under o =
5.0 MPa (Figure 2) showed that the average final grain
sizes were about 35, 65, and 118 wm at 1200, 1300, and
1400 K, respectively.

B. Stress Dependence of the Secondary Creep Rate

Figure 3 shows the variation of the true secondary creep
rate against true stress between 1000 and 1300 K. The
values of creep rates in Figure 3 were obtained from the
slopes of regression lines drawn through the true creep
strain vs time data in the secondary creep region, where
it was ensured that the regression data varied over small
values of strain. The average true stress over this range
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of regressed data are reported in Figure 3. As noted pre-
viously, the creep strength of NiAl was reported to be
independent of composition in the temperature range of
1200 to 1400 K.!''! These observations are also con-
firmed by the data shown in Figure 3, where a compar-
ison shows excellent agreement between the present results
and the compression data reported by Whittenberger for
Ni-49.2 pct Al and Bowman et al. for Ni-50.6 Al'*
for powder-extruded alloys tested under constant engi-
neering strain rate and constant-load conditions. Using
a power-law relation

(1]

where A, is a constant and n is the siress exponent;
Table I gives the values of A, n, and the coefficient of
determination, Rf,, determined above and below the tran-
sition stress. As shown in Figure 3 and Table I, the data

£§=A, 0"
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Fig. 3— Variation of the compressive true strain rate with applied
true stress for Ni-50.6 Al. The data reported by Whittenberger!™! for
Ni-49.2 Al and Bowman et al."** for Ni-50.6 Al are also included for
comparison.

fall into two distinct creep regimes: a low-stress region
with a stress exponent #n = 1.3 to 2.0 and an intermediate
stress region with n = 5.8 to 6.2. In addition, evidence
of a third creep regime is visible in Figure 3 at high
stresses above 100 MPa at 1000 K, where the data show
a tendency to deviate from power-law creep behavior.
There appears to be no previous report of a similarly
distinct transition from power-law creep to the low-stress
behavior in binary NiAl other than that observed in this
study,’**! although Jung er al."” reported a change in
mechanism from n = 4 to n = | in a coarse-grained
Ni-10Fe-50Al ternary alloy below 80 MPa at 1023 K.
In comparison, the transition stresses for binary NiAl,
while being temperature dependent, occur below
25 MPa (Figure 3 and Table I).

C. Temperature Dependence of the Secondary
Creep Rate

The values of n and the true activation energy for creep,
Q., were determined both by multiple regression anal-
ysis and a graphical technique from Figure 3 using
Eq. [2]:1%%

€ = A(E/TXo/E)" exp (—Q./RT) [2a]
with
A; = A(Dob/K)(b/dY [2b]

where D, is a frequency factor, E is the Young’s mod-
ulus, b is the Burgers vector, k is Boltzmann’s constant,
R is the universal gas constant, p is the grain-size ex-
ponent, and A is a dimensionless constant. Table II gives
the magnitudes of A,, n, and Q. determined by multiple
regression analysis for the low- and intermediate-stress
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regimes, where Q. has been corrected for the tempera-
ture and composition dependence of the Young’s mod-
ulus, and the 1/7 term in the pre-exponential factor in
Eq. [2]. The values of Young’s moduli used in this study
were calculated using!®!

E=2593-0.072T +
3IX10 TP -6x 10T [2¢]

where ¢ is the atomic percent of aluminum in the alloy.

It is clear from Table I that the regressed values of n
are 1.7 = 0.2 and 6.4 = 0.4 and that those of Q, are
98.2 + 14.5 and 287.1 * 25.8 kJ mol™' for the low-
stress and the intermediate-stress power-law creep re-
gimes, respectively. The magnitude of Q., shown in
Table II for the power-law creep regime, falls within the
range of values between 285 and 315 kJ mol ™' reported
in the literature for creep activation energies of binary
NiAl alloys.!?*2'l The reported values of Qy; determined
from diffusion studies show considerable scatter for bi-
nary NiAl alloys with nominally similar composition.?!!
However, a value of Q. = 290 kJ mol™' (Table II) is
closer in agreement with Qy, =~ 275 and 305 kJ mol™'
observed by Hancock and McDonnell'®! for Ni-50.8 Al
and Ni-50 Al, respectively. No comparable values cor-
responding to Q. =~ 100 kJ mol™' appear to have been
reported in the creep and diffusion literature on NiAl.
Because activation energies for creep and diffusion are
similar for a large number of materials,*"! a value of
100 kJ mol™' probably represents a measure of the ac-
tivation energy for grain-boundary diffusion, Q,,, in NiAl.
If so, this value would represent the first experimental
estimate of Q,, in NiAl

The true activation energy for creep was also deter-
mined from an Arrhenius semilogarithmic plot of
(éT/E) vs 1/T for different values of a/E, where Q. was
determined from the slopes of the regression lines
(Figure 4). The variation of Q. with ¢/E is plotted in
Figure 5, where the error bars represent one standard
deviation about Q.. The activation energy data have been
classified into three regions. Region I occurs at low
stresses when o/E < 1.5 X 107, where the average
Q. = 95 kJ mol ' is in good agreement with the value
of Q. = 98 kJ mol™', determined by multiple regression
analysis (Table II). Reﬁion II occurs after a transition
stage when 1.5 X 107 = ¢/E < 3.0 X 107, where
Q. = 300 kJ mol™' is in good agreement with Qy; for
Ni-50 Al and the data shown in Table II and corre-
sponds to the power-law creep regime. For ¢/E = 3.0 X
107%, Q. decreases linearly with increasing o/E in
region III. A similar decrease in activation energy with
increasing stress was also reported by Vandervoort
et al." and Yang and Dodd'® for polycrystalline NiAl.
Similarly, Q. < Q, was observed for NiAl single crystals
under constant-load tensile creep between about 750 and
1050 K, although due to limited data, the magnitudes of
Q. were not reported.!?

The apparent activation volume for creep, V*, can be
estimated from the stress dependence of Q. using!*23

V¥ = —-2(3Q,/30); (3]

assuming g = 27, where 7 is the shear stress. It should
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Table I. Values of A, and n at Different Temperatures Determined by Regression Analysis*
T A, .

(K) (MPa " s n R; Remarks

1000 2.7 x 107 7.4 =09 0.976 For o < 125 MPa

1100 19x 107" 1.6 + 0.3 0.978 o < 25.0 MPa
7.9 % 107" 6.2+ 0.5 0.987 o > 25.0 MPa

1200 1.9x 107" 20+ 0.4 0.984 o < 16.3 MPa
3.0 x 107" 59 +05 0.988 o= 16.3 MPa

1300 1.2 x 1077 1304 0.956 o< 9.4 MPa
52x 107" 58 04 0.991 o > 9.4 MPa

*The values of error represent 95 pct contidence intervals.

Table II.

Magnitudes of A, Parameter, Stress Exponent, and the True Activation Energy for Creep at Low

and Intermediate Stresses Determined by Multiple Regression Analysis of the Creep Data Using Equation [2a]*

T A2 Q('
(K) (m" K N's™) n (kJ mol™") R}
Intermediate
stresses 1000 to 1300 8.7 x 10° 6.4 +04 287.1 = 25.8 0.957
Low stresses 1100 to 1300 3.5 x 10~ 1.7 = 0.2 98.2 * 14.5 0.973

*The values of error represent the 95 pct confidence intervals.
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Fig. 4— Arrhenius plot of the temperature-compensated creep rate for
Ni-50.6 Al vs inverse of the absolute temperature for values of nor-
malized stresses varying between 3.0 X 10 *and 5.0 x 10",

be noted that Eq. [3] is valid only when the stress de-
pendence of the entropy term in the rate eguation is neg-
ligible. Thus, from Figure 5, V* = 100 b" in region III,
which compares reasonably well with the value of about
75 b* reported by Vandervoort er al.!'l at a stress of
68.9 MPa (i.e., o/E =~ 4 X 1079,

D. Grain-Size Dependence of the Creep Rate

In order to verify if the mechanism in the n = 2 re-
gime is dependent on grain size, a specimen was crept
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Fig. 5— Variation of the true activation energy for creep with nor-
malized stress showing three creep regimes in Ni-50.6 Al.

for about 1000 hours at 1400 K under an initial stress
of about 5.0 MPa in order to allow the grains to grow
from 23 to 117.8 = 6.1 pum (Figure 2). The temperature
was then reduced to 1200 K and the secondary creep
rates were determined from stress-increase tests
(Figure 6). The stress dependence of these creep rates
are shown as open symbols in Figure 7, which also com-
pares the creep behavior of the fine-grained material (solid
lines from Figure 3). It is clear from Figure 7 that the
creep rates for the fine- and coarse-grained specimens
are in good agreement in the power-law creep regime
with # = 5.9 (Table I). This observation suggests that
power-law creep is independent of grain size (i.e., p =
0 in Eq. 2(a)) for NiAl similar to observations reported
for other materials.?0-28-2931 However, while the fine-
grained material deviates to a n = 2 type creep behavior
below a stress of about 16 MPa, the coarse-grained spec-
imen continues to exhibit a value of n = 5.9 until a stress
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Fig. 6 — Stress and temperature changes conducted on a single spec-
imen of Ni-50.6 Al in the low-stress regime to determine the grain-
size dependence of the secondary creep rate. The grain size increased
from about 23 to 118 um after the specimen was crept at 1400 K
under a compressive engineering stress of 4.8 MPa. The stress changes
were conducted on the coarse-grained specimen at 1200 K.

of about 9 MPa, below which a similar change in mech-
anism to the n = 2 regime is expected to occur.
Figure 7 clearly demonstrates that the creep rate for the
coarse-grained specimen in the n = 2 regime is lower
than that for the fine-grained material by about a factor
of 15 for o = 5.0 MPa. Using the ratios of logarithmic
values of the creep rates and grain sizes at 5.0 MPa, the
magnitude of the grain-size exponent was estimated to
be p = 2. However, this value could not be confirmed
by direct measurements of secondary creep rates from
tests conducted on two specimens with initial grain sizes
of 10 and 23 um deformed at 1200 K under an initial
stress of 4.9 MPa due to significant grain growth in the
former to about 20 wm during creep (Figures 8(a) and
(b)). However, the fine-grained specimen exhibited higher
creep strains at identical creep times (Figure 8(a)) and
crept at much faster rates in the primary creep region
(Figure 8(b)) than the coarse-grained material.

E. Microstructural Observations

1. Power-law creep regime

Transmission electron microscopy of crept specimens
showed a mixture of subboundaries, cells, dislocation
dipoles, loops, tangles, and random dislocations at stresses
corresponding to the power-law creep region with n =
6.5 (Table II). It is interesting to note that the sub-
structure often appeared to vary with grain size within
the same TEM foil: small grains appeared to possess
smaller subgrains and a higher dislocation density than
larger grains. This observation suggests that the local-
ized stresses in the smaller grains were larger than in the
coarser grains. Figure 9(a) shows a distribution of
subgrains in a specimen deformed to a true strain of
17.3 pct at 1200 K under a stress of 41.3 MPa. The
subgrains were generally larger than the field of view
even at low magnifications, and they were estimated to
be about 10 pm. This value compares well with a cal-
culated equilibrium subgrain size of d, = 11 um based
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Fig. 7— Comparison of the stress dependence of the secondary creep
rates at 1200 K for fine- and coarse-grained Ni-50.6 Al.

on the subgrain size-stress relationship.* Individual
dislocations and dislocation tangles are evident within
the subgrains in Figures 9(a) through (c), where some of
the isolated dislocations appear zigzag in shape (e.g., at
A in Figure 9(b)). Recent calculations suggest that dis-
locations with negative line tensions can attain these shapes
in NiAl in order to minimize the forces acting on them
when in equilibrium if the angle between the Burgers
vector and the dislocation line vector is less than
13 deg.i*! Most of the dislocations had a (100) Burgers
vector, with the glide planes being either {100} or {110}.
Hexagonal dislocation networks consisting of three (100)
type dislocations were sometimes observed. In many other
instances, dipoles (e.g., B) and loops (e.g., C) were ev-
ident within the subgrains (Figure 9(d)).

2. Low-stress creep regime

A variety of dislocation substructures was observed in
the n = 2 region, and the microstructure was very
heterogeneous. lll-formed cells, dipoles, loops, dis-
location tangles, and dislocation networks formed at
stresses corresponding to the upper end of the n = 2
region. For example, Figure 10(a) shows a mixture of
hexagonal networks and dislocation tangles, while
Figure 10(b) shows a rudimentary cellular micro-
structure in a specimen deformed to a true strain of
2.7 pct at 1200 K under a stress of about 9.8 MPa. Dis-
location loops and tangles (Figure 11(a)) and a mixture
of hexagonal networks, dipoles, and zigzagged dis-
locations (Figure 11(b)) are seen in another sample de-
formed to a true strain of 7.2 pet at 1200 K under a stress
of 14.1 MPa.

In contrast, no substructure was evident in most of the
grains in a specimen deformed to a true strain of 3.1 pct
at 1200 K under an initial stress of 5.4 MPa, corre-
sponding to the lower end of the n = 2 region
(Figure 12(a)), although bands of dislocation loops were
seen within a few grains (Figure 12(b)). Similar obser-
vations were also made at 1300 K, thereby suggesting
that these results, consisting of a mixture of grains with
no dislocation substructure and a few grains with bands
of dislocation loops, are representative of the micro-
structure in the n = 2 region. As noted previously, the
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Fig. 8—(a) True creep strain vs time and () true creep rate vs true creep strain for polycrystalline NiAl, tested under a compressive engineering
stress of 4.9 MPa at 1200 K for specimens with initial grain sizes of 10 and 23 pm.

(c)

Fig. 9—TEM of crept Ni-50.6 Al showing (a) a distribution of subgrains containing isolated dislocations and dislocation tangles,
(h) and (¢) dislocation tangles and zigzagged dislocations (e.g.. at A in (b)), and (d) dipoles (e.g.. at B) and loops (e.g.. at C). (a). (b). and
(€), T =1200K, o0 = 41.3 MPa, and ¢ = 17.3 pct; and (d) 7 = 1200 K. o = 29.2 MPa, and » = 19.9 pct.
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Fig. 10—TEM of a Ni-50.6 Al specimen crept to a true strain of 2.7 pct at 1200 K under a compressive engineering stress of 9.8 MPa showing
(a) a distribution of hexagonal networks and dislocation tangles and (b) dislocation cells.

initial microstructure of the extruded material showed little
or no evidence of dislocation activity either in the matrix
or in the grain boundaries.'”! Therefore, it is suggested
that these bands of loops may be dislocation debris re-
sulting from the deformation process. A close exami-
nation of the grain-boundary regions showed considerable
evidence of dislocation activity in a number of grain
boundaries at both 1200 and 1300 K, where several grain
boundaries also showed the presence of extrinsic grain-
boundary dislocations of two different characters
(Figure 12(c)). These grain-boundary dislocations were
often sharply zigzagged, possibly due to the effect of
anisotropy on the dislocation line tension."! Several dis-
location loops oriented parallel to the grain boundary also
can be seen in Figure 12(c), where several of these elon-
gated loops appear to be in the process of pinching off
into smaller loops.

Preliminary observations suggested that the grain
boundaries were the source for these dislocation loops
in the matrix presumably to accommodate GBS during
creep (Figure 13). A close examination of Figure 13(a)
shows the formation of dipoles at the grain boundaries;
these dipoles pinch off to emit loops into the matrix
(Figure 13(b)). As evident in Figures 13(a) and (b), the
generation of the dipoles appeared to have resulted from
a dislocation reaction in the grain boundary. It should
be noted that the loops in the matrix are often elongated,
and, in many cases, they seem to be in the process of
pinching off into smaller loops (Figures 12(c) and 13(a)
and (b)). While observations such as those shown in
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Figure 13 were confirmed to be genuine dislocation
emissions from the grain boundaries, it should be noted
that other similar observations proved to be artifacts of
imaging, because careful tilt experiments performed within
the TEM showed that the “emitted” loops were not al-
ways in contact with the grain boundary.

IV. DISCUSSION

The present results indicate the existence of three creep
regions in NiAl (Figure 5). Region I, which occurs at
low stresses, is characterized by n = 2, Q. =
100 kJ mol™', and p ~ 2. Power-law creep occurs in
region 1l at intermediate stresses with n = 6.5, Q. =
290 kJ mol™', and p = 0, while region III occurs at high
stresses where n and Q. are stress dependent. Figure 14
shows these three creep regions in a plot of normalized
creep rate, € exp (Q./RT)WKT/DyEb)(b/dY, against nor-
malized stress, o/E, where the creep data shown in
Figure 3 was normalized by using Eq. [2]. Additional
data obtained below 1000 K'*! are also included in the
figure in order to clearly distinguish region III. The nor-
malization parameters used in regions II and III are D, =
1 X107 m’s™", Q. = 290 kJ mol ' (Table II), and p =
0 and b = 0.2876 nm. The magnitude of D, was chosen
arbitrarily to lie between experimentally determined val-
ues for Ni-50 Al (D, = 4.5 x 107* m® s™Y) and
Ni-50.8 Al (D, = 2.3 X 107° m? s7').12% Other values
of D, will shift the data parallel to the vertical axis. For
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Fig. 11 —TEM of a Ni-50.6 Al specimen crept to a true strain of 7.2 pet at 1200 K under a compressive engineering stress of 14.1 MPa showing
(@) dislocation loops and tangles and (b) a mixture of hexagonal networks, dipoles, and zigzagged dislocations.

simplicity, the stress dependence of the activation en-
ergy observed in region III (Figure 5) is ignored in this
normalization so that the data in this regime show a higher
degree of scatter than in the other two regions. The creep
rates in region I were normalized with D, = 3.7 X
10" m*s', Q. = 100 k] mol™, and p = 2. In
Figure 14, regions 1, 11, and III occur below o/E = 8 X
107°, between o/E = 8 X 10 > and 4 x 107*, and above
o/E = 4 x 107*, respectively. Linear regression anal-
ysis of the normalized data corresponding to regions I
and Il gave n = 1.7 * 0.2 and 6.3 * 0.2, respectively,
which are consistent with the values shown in Table II.
The values of A for regions I and 1l were evaluated to
be 1.9 x 107° (R3 = 0.945) and 1.7 X 10" (R} = 0.984),
respectively. The power-law relation breaks down for
o/E > 4 x 107% in region IIl (Figure 14).

The microstructural observations reported in this ar-
ticle are summarized schematically in Figure 15 with re-
lation to the normalized data shown in Figure 14. The
calculated values of d,**! shown at the top of Figure 15
suggest that subgrains are expected to be observed mainly
at normalized stresses for which d, < d = 23 um. As
shown in Figure 15, a variety of substructural features
is observed over the range of stresses and temperatures
studied, which correspond to regions I and II. At the
upper end of region I, a mixture of sub-boundaries, ran-
dom dislocations, dislocation tangles, dipoles, and cells
are observed. At the other extreme, corresponding to low
normalized stresses well within region I, where n = 2,
most of the grains are free of any substructural features
Figure 12(a), although bands of dislocation loops were
observed in some grains (Figure 12(b)). Although dis-
location tangles and networks are observed at the upper
end of region 1, it is clear from Figure 15 that these spec-
imens were deformed under conditions close to the tran-
sition point between regions 1 and II, so that these
substructures may not be truly representative of region I.
The absence of substructure in most of the grains and
the presence of bands of dislocation loops in some grains
is believed to more accurately represent the micro-
structure in region I. Since the main scope of this study
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was to understand the characteristics of region I and most
of the data were obtained in regions I and II, no micro-
structural study was conducted in region III. Thus, no
specific comment can be made regarding the nature of
the microstructure that forms in this region. However,
elongated dislocation loops, tangles, and sub-boundaries
were observed in coarse-grained polycrystalline NiAl
containing 49 to 51 pct Al in an earlier study under con-
ditions that appear to correspond to the transition regime
between regions II and II1.'%

The results obtained in this study are insufficient to
identify the mechanisms dominant in region III and only
general comments can be made regarding them. As men-
tioned in Section I, although a stress-dependent activa-
tion energy was reported in two earlier studies,!'* the
two sets of data are inconsistent. Based on Figures 3 and
5. as well as on the data shown in Figure 14 correspond-
ing to region IIL,**! the present results support the ob-
servations of Yang and Dodd,!¥ who reported that Q,
varies inversely with increasing stress only below
1173 K, where n > 7. As noted in Section III-C, a value
of V¥ = 100 b" was estimated from the stress depen-
dence of Q, in region IIl (Figure 5). Because V* = 1 to
20 b’ for a Peierls—Nabarro mechanism,**! the latter pro-
cess does not appear to be important in region III under
the stress and temperature conditions studied in the pres-
ent investigation. Noting that V¥ ~ 10° to 10° b’ and 10
to 10° b’ for obstacle-controlled glide and cross slip
dominated deformation processes, respectively,!***!! the
estimated value of V* suggests that either or both of these
mechanisms may contribute significantly to the total creep
rate in region II1. In this regard, some of the early micro-
structural observations reported evidence of dislocation
cross-slip in crept NiAl single and polycrystals.!>*!
However, systematic microstructural studies need to be
conducted to characterize region III.

The values of n = 4 to 7 and Q. = Q, reported in this
and other investigations!®7%"111 would suggest that a
dislocation climb mechanism is dominant in region II.
This conclusion is consistent with observations on pure
metals and solid-solution alloys exhibiting class M
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(c)

Fig. 12—TEM of Ni-50.6 Al specimens crept («) and (b} to a true strain of 3.1 pct at 1200 K under a compressive engineering stress of 5.4 MPa,
and (c) 1o a true strain 2.3 pct at 1300 K under a compressive engineering stress of 5.5 MPa. (a) An absence of dislocation substructure within
most grains; (b) isolated bands of dislocation loops in a few grains; and (¢) extrinsic grain-boundary dislocations and elongated loops in the
matrix, where some are in the process of pinching off into smaller loops (arrows).

(class II) behavior, for which the dislocation climb ve-
locity is slower than the viscous glide dislocation veloc-
ity.126-282931 However, it should be noted that the
heterogeneous microstructure observed in this region
(Figures (9) and (15)) and the absence of well-formed
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subgrains in all the grains, even after deformation to true
strains of about 17 to 20 pct, indicate that dislocation
climb occurs at much slower rates in NiAl than it does
in pure metals, presumably due to the effects of long
range order.

METALLURGICAL AND MATERIALS TRANSACTIONS A



(@)’

0.25 pm

e — 3§

Fig. 13— TEM of a Ni-50.6 Al specimen crept to a true strain of 2.3 pet at 1300 K under a compressive engineering stress of 5.5 MPa showing
(a) the emission of dislocation loops from an extrinsic grain-boundary dislocation dipole and the elongation and pinching off of a loop in the
matrix (arrow); and (b) a high-magnification view of the same area shown in (a) under different tilt conditions. Note that the formation of the
dislocation dipole has occurred by the reaction of two extrinsic grain-boundary dislocations.
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Fig. 14— Normalized creep rate vs normalized stress showing three

creep regimes in powder-extruded Ni-50.6 Al. Data obtained from
Whittenberger!'*! for Ni-49.2 Al and Bowman et af . for Ni-50.6 Al
are compared with those obtained in the present investigation.

A. Comparison of the Low-Stress Mechanism
with Theoretical Models

Table lII compares the general characteristics of
Coble!**" and interface-controlled™' creep mecha-
nisms, as well as those for accommodated GBS pro-
posed for superplastic materials!™! with those for the
low-stress creep region. It is noted that several specific
models exist for each of these mechanisms, but the val-
ues of A, n, p, and Q. are similar to those given in
Table 1II. An examination of the table indicates that the
values of A = 50, n = 1, and p = 3 for Coble creep are
vastly different from those observed in region 1. Simi-
larly, interface-controlled mechanisms predict p = 1 and
A = 730, which are different from the constants for the
new mechanism, although the predicted value of n = 2

METALLURGICAL AND MATERIALS TRANSACTIONS A

dg (um)
100 50 20 10 5 2 13
10 7 1 1 T
Subboundaries
tangles, dipoles, cells
T

102 |-

104 —
Subboundaries,
108 random dislocations

108 —
10 — ructureless,
10 Ilooéi ps
[

10-12 [~

exp (Qc/RT) (KT/DEb) (b/d)?

.
€
-
.ah -1
pry
-

1014 0

10-18 p 1o et 1 1
2x10-5 104

m
p 11l

103 2x103

o/E
Fig. 15— Variation of the creep substructure in the power-law and
low-stress creep regimes in powder-extruded Ni-50.6 Al shown sche-
matically as a function of normalized creep rate and normalized stress.

agrees with the experimental results; the predicted mag-
nitude of Q, = Q,, where Q, is the activation energy for
solute grain-boundary diffusion, would also be in agree-
ment with experimental data if Q, = 100 kJ mol ' for
NiAl. Clearly, the low-stress mechanism in region I is
neither Coble creep nor an interface-controlled creep
mechanism. Instead, the agreement between the experi-
mental magnitudes of n, p, and Q. and those predicted
by models involving accommodated GBS suggests that
the latter is dominant in region I. However, the values
of A predicted by these models, which typically lie be-
tween 75 and 150, are over seven orders of magnitude
larger than those determined experimentally (Table I11).
As a result, the predicted creep rates for models involv-
ing accommodated GBS are also over seven orders of

VOLUME 26A. FEBRUARY 1995 — 353



Table III. Comparison of Experimental and Theoretical Parameters for Region I

Mechanism A n P Q. References

Coble creep 50* 1 3 Cu 36 and 37

Interface-controlled creep 730 2 1 0.** 38

Accommodated GBS models 75 to 150 2 2 O 39

Experimental results 1.9 x 107° 2 2 O present study
*Calculated assuming 8 = 1.5b, where 8 is the grain boundary width.

**0, is the activation energy for solute grain-boundary diffusion.

magnitude faster than the experimental creep rates, as
shown in Figure 16, where the comparison is made with
the Ball and Hutchinson model™ to represent a typical
superplastic model with A = 100;**! the theoretical creep
rates for most other superplastic models will lie within
a factor of two of the line shown in Figure 16. The pre-
dicted trend for Coble creep, which is also shown in
Figure 16, is similarly much higher than the experimen-
tal results by at least five orders of magnitude. There-
fore, while accommodated GBS appears to be the
dominant mechanism at low stresses in NiAl based on
the magnitudes of n, p, and Q. (Table III), none of the
proposed models involving this process are in agreement
with the experimental results. This inconsistency appears
to be due to the fact that the theoretical models were
developed for disordered materials and do not consider
the effect of ordering on the accommodation mechanism
and hence on the A parameter in Eq. [2].

The TEM observations reported in Section III-E-2
suggest significant grain-boundary dislocation activity
during creep in the low-stress region (Figures 12(c) and
13(a) and (b)) which, in turn, should result in GBS. The
presence of bands of dislocation loops in the matrix of
some grains is intriguing (Figure 12(b)). It is believed
that these loops are emitted into the matrix from the grain
boundaries in order to accommodate GBS. Figures 13(a)
and (b) suggest that extrinsic grain-boundary dis-
locations react to form dipoles during GBS, and these
dipoles subsequently emit loops into the grain interior to

101 T T T 7
102 — —_—
108 —————T -
104 NiAl ]
d=23pm
:.,; 105 — T=1200K -
2 —{J— Experimental
v 108 = Coble -
w - Ball & Hutchinson _
109 — =
10-10 L | U R
4 6 8 10 20
o (MPa)

Fig. 16 — Comparison between the experimental and predicted creep
rates in the low-stress regime. The creep rates for Coble creep!™ and
for the Ball and Hutchinson model™*! were calculated from the equa-
tions given in Refs. 37 and 39, respectively.
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accommodate stress concentrations developed in the
boundary that result from sliding. A sequence consisting
of loop elongation followed by its pinching-off into smaller
loops (Figures 12(c) and 13(a) and (b)) appears to help
in the generation and propagation of loops several mi-
crons away from the grain boundary (Figure 12(b)).

B. Possible Implications of the Activation Energy
Data on Grain-Boundary Structure

Assuming that Q, = Qu;, where Q, is the activation
energy for lattice self-diffusion in NiAl, and Q. = Q,, =
100 kJ mol™', it is interesting to note that the ratio
Q./0; = 0.3 is quite low as compared to ratios gen-
erally reported for pure metals for which Q,,/Q, = 0.5
to 0.7."*'VIf this low value of Q,,/Q; is not due to scatter
or impurity diffusion, the present results suggest that grain-
boundary diffusion in NiAl is extremely rapid in com-
parison to pure metals, possibly due to easy diffusion
paths at the boundaries. Based on their atomic calcula-
tions and computer simulations of %5 [001](310) grain
boundaries, Vitek and Chen!*? suggested that the grain
boundaries of strongly ordered intermetallic alloys, such
as Ni;Al and NiAl, consist of columnar cavities that en-
able the preservation of chemical ordering in these ma-
terials up to the boundaries. Recent high resolution
electron microscopy (HREM) observations and image
analysis of the structure of %5 [001](310) grain bound-
aries in NiAl reveal that they consist of 50 pct consti-
tutional vacancies on the Ni sites and a mixture of 50 pct
each of Ni antisite defects and constitutional vacancies
on the Al sites adjacent to the boundary plane.!'*"! These
two sets of results, while applicable to relatively simple
symmetrical tilt boundaries, may provide a rationale for
the low observed value of Q,,/Q, for NiAl if they are
extended to other types of grain boundaries. In this case,
the presence of interconnected columnar cavities or
“nanotubes” along the grain-boundary plane is likely to
allow vacancies to be channeled easily along the grain
boundaries to dislocation sites. However, the grain
boundaries in NiAl appear to be rich in Ni,"*? and this
may suppress the formation of nanotubes in this alloy as
compared to Ni,AlL¥ Additional studies relating to grain-
boundary structure and diffusion in NiAl are required to
verify these hypotheses.

At first glance, it may appear that a low value of Q,,
for NiAl, which should lead to high creep rates, is in-
consistent with the extremely low experimental values
observed in region I (Figure 16). However, a careful
consideration of the problem suggests that while a low
ratio of Q,,/Q, indicates that GBS probably occurs much
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more rapidly in NiAl than in pure metals, the low ex-
perimental creep rates observed in this material are pri-
marily influenced by the magnitude of A, which 1s very
low (Table III). This reasoning suggests that while long-
range order in NiAl influences Q,, through requiring the
possible existence of nanotubes at the grain boundaries,
its effect on the magnitude of A is much more significant.

V. SUMMARY AND CONCLUSIONS

The results obtatned in the present study suggest that
the creep data for NiAl fall into three regions.

1. Region I, a new creep regime that is grain-size de-
pendent and exhibits n = 2, Q. = 100 kJ mol ' and
p = 2, is observed below o/E = 8 x 107", A long
primary creep region lasting over 100 hours for ¢ =
1.5 pct occurs in this regime, thereby indicating that
it is a dislocation-controlled process. Transmission
electron microscopy revealed considerable grain-
boundary dislocation activity with most grain inte-
riors being devoid of any dislocation substructure.
However, a few grains showed bands of dislocation
loops both at 1200 and 1300 K. These loops appear
to have been emitted from the grain boundaries in
order to accommodate GBS. Although most of the
characteristics (i.e., n, p, and Q,) of region | agree
with the values predicted by models for accommo-
dated GBS developed for disordered materials, the
experimental creep rates are over seven orders of
magnitude lower than those predicted by theory. The
ratio Q./Q; = Q,/0, = 0.3 is much lower for NiAl
than for pure metals. It is hypothesized that the grain
boundaries of NiAl consist of vacancy flow channels
or nanotubes resulting from long-range order. How-
ever, the influence of long-range order on the mag-
nitude of A is significant enough to considerably lower
the creep rates.

2. Power-law creep with n = 6.5 and Q. =
290 kJ mol ™' is observed in region Il between o/E ~
8 X 107 and 4 X 107*, where the shape of the pri-
mary creep region appears to be influenced by changes
in dislocation mobility with temperature in this re-
gime. The substructure in this creep regime consisted
of a heterogeneous mixture of subboundaries, cells,
random dislocations, dislocation loops, dipoles, and
tangles. It is concluded that dislocation climb is the
dominant mechanism in this region, although it is
probably much slower than that in pure metals.

3. The activation energy for creep is stress dependent in
region III, and V* = 100 b* when o/E > 4 x 107,
An analysis of the data suggests that the power-law
relation is no longer valid in this region. The domi-
nating creep mechanisms in this region may involve
processes other than dislocation climb, such as the
cross slip of screw dislocations and obstacle-controlled
ghide. This is an area in which additional research is
required.
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